The work-hardening behavior of Cu-Ni alloys with high stacking-fault energies (SFEs) is experimentally investigated under uniaxial compression. It is found that, with the increase of Ni content (or short-range clustering, SRC), the flow stress of Cu-Ni alloys is significantly increased, which is mainly attributed to an enhanced contribution of work-hardening. An unexpected multistage (including Stages A, B, and C) work-hardening process was found in this alloy, and such a work-hardening behavior is essentially related to the existence of SRC structures in alloys. Specifically, during deformation in Stage B (within the strain range of 0.04-0.07), the forming tendency to planar-slip dislocation structures becomes enhanced with an increase of SRC content (namely, increase of Ni content), leading to the occurrence of work-hardening rate recovery in the Cu-20at.% Ni alloy. In short, increasing SRC in the Cu-Ni alloy can trigger an unexpected multistage work-hardening process, and thus improve its work-hardening capacity.
Introduction
Strength and ductility are two of the most important mechanical properties of metallic materials which usually determine the service environment of materials. However, a large number of experimental results [1] [2] [3] show that there is a natural contradiction between strength and ductility which has greatly restrained the application and development of metallic components. As is well known, the ductility is controlled by the work-hardening capacity [4, 5] . A high work-hardening capacity can delay the necking and consequent fracture during deformation, leading to a higher ductility. Therefore, some approaches [6] [7] [8] [9] [10] were targeted on improving the work-hardening capacity of metallic materials. For examples, Cao et al. [6] introduced intersectant coherent twin boundaries in nanocrystalline Cu, promoting the occurrence of Lomer-Cotrell dislocation locks inside a nanocrystal and resulting in a strong work-hardening behavior. Some further work [8] [9] [10] also reported that the work-hardening capacity of metallic materials was improved significantly by introducing a gradient structure, where fine grains undertake strength, while coarse grains ensure work-hardening capacity and thereby decent ductility. Although these attempts provided excellent designing principles and technology, the extremely rigorous and complicated conditions have greatly limited the broad industrial applications.
Recently, alloying was recognized as one simple but effective way to improve the work-hardening capacity for metallic materials [4, [11] [12] [13] [14] [15] . Some research groups [4, 11, 12] investigated the effect of Al content on the work-hardening behavior of Cu-Al alloys, and they found that the work-hardening
Materials and Methods
Three kinds of Cu-xNi alloys (x = 5, 10, 20 at.%) were fabricated using an induction melting furnace and cast into ingots with a dimension of 60 mm × 100 mm × 300 mm. These ingots were homogenized at 700 • C for 2 h and then immediately hot-rolled into 10-mm-thick plates along the 60 mm side of ingots, followed by air cooling. Rectangular specimens of 8 mm × 8 mm × 12 mm in size were cut from as-rolled plates. To eliminate the impact of the diversity in grain size on work-hardening behavior, these compression specimens were subjected to a recrystallization annealing treatment for 20-24 h at 900-1000 • C in vacuum and then water-quenched, acquiring a comparable grain size. Before compression tests, all specimens were ground and electropolished to produce a strain-free and smooth surface.
Compression tests were performed on a CMT5101 machine (Shenzhen SANS Testing Machine Co. Ltd., Shenzhen, China) at ambient temperature with an initial strain rate of 10 −3 s −1 up to an engineering strain of 30%. The direction of the compression axis is parallel to the rolling direction of the rolled plate. After mechanical tests, internal microstructures were clarified by transmission electron microscopy (TEM) using an FEI Tecnai G 2 20 (FEI, Hillsbro, OR, USA) operated at 200 kV. TEM samples were spark-cut from the specimens along the loading axis after compression deformation up to true strains of 5% and 30%, respectively. Slices were first manually reduced to~60 µm and then thinned by twin-jet electropolishing in a solution of 90% ethanol and 10% perchloric acid with a voltage of 20 V at −30 • C.
Results and Discussion
Representative optical micrographs of initial microstructures of Cu-Ni alloy specimens are shown in Figure 1 . All specimens exhibit homogeneous microstructures with a similar grain size of about 280 µm, and no second phase was detected in all materials, making it more feasible and simpler to explore solely the impact of SRC on the work-hardening behavior and microstructural evolution in these alloys.
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Compressive Mechanical Property
where σ FS is the flow stress of Cu-Ni alloys at a given strain. According to Equation (1), the distribution of the σ WH of the Cu-Ni alloys at different strains is given in Figure 2b . Interestingly, as the true strain is below ~0.05, the contributions of work-hardening to the flow stress are almost the same in these three Cu-Ni alloys. However, as the true strain increases to as high as 0.05, such contributions are dramatically enhanced with the increase of Ni content, implying that the Ni content plays a crucial role in improving the work-hardening behavior of Cu-Ni alloys. Figure 2a shows the true stress-strain curves of Cu-Ni alloys with different Ni contents in compression at room temperature. Apparently, with increasing Ni content, the flow stress of Cu-Ni alloys is significantly increased. The yield strength (YS) of the Cu-20at.% Ni alloy is enhanced from 35 to 70 MPa compared with that of the Cu-5at.% Ni alloy, which mainly stems from the solid solution strengthening owing to the increase of Ni content [24] . It is noteworthy that, after yielding, the flow stress of Cu-Ni alloys exhibits a significant elevation with increasing Ni content. For the present Cu-Ni alloy specimens, the total flow stress at a given strain can be considered as the sum of YS (σ 0.2 ) and the stress originating from work-hardening (σ WH ). Therefore, the contributions of work-hardening to the flow stress can be roughly estimated by subtracting the YS from the total flow stress as
where σ FS is the flow stress of Cu-Ni alloys at a given strain. According to Equation (1), the distribution of the σ WH of the Cu-Ni alloys at different strains is given in Figure 2b . Interestingly, as the true strain is below~0.05, the contributions of work-hardening to the flow stress are almost the same in these three Cu-Ni alloys. However, as the true strain increases to as high as 0.05, such contributions are dramatically enhanced with the increase of Ni content, implying that the Ni content plays a crucial role in improving the work-hardening behavior of Cu-Ni alloys.
As is well known, the relation between the σ WH and the total dislocation density (ρ) is given by [25] 
where G is the shear modulus, b the Burgers vector, M the Taylor factor, and α is a material constant. Since all specimens experienced a very strong annealing process, it can be assumed that there are nearly no dislocations in the internal microstructure of specimens before compression tests. Therefore, the enhancement of flow stress by work-hardening in Cu-Ni alloys with increasing Ni content should be derived from the higher dislocation density induced during deformation. Similar phenomena have been found in some other Cu alloys, such as Cu-Zn [13] and Cu-Al [4] alloys. In these studies, the increase in dislocation density was related to the reduction in SFE. Specifically, on the one hand, decreasing SFE can enlarge the separation between two partial dislocations, which makes cross slip or climb more difficult, thereby inhibiting potential dynamic recovery. On the other hand, a drop in SFE is also favorable for the formation of DTs, which provide accommodations for dislocation accumulation to increase the dislocation density. However, such explanations are inapplicable to the present Cu-Ni alloys with high SFEs, since cross slip is prevalent, which aggravates dislocation annihilations during deformation [26, 27] . In fact, in addition to altering the SFE, the addition of alloying elements brings about a positive effect on the increase of SRO/SRC in alloys [23, 28, 29] . Considering that the SRC/SRO could suppress the cross slip [21] , it is believed that the increasing degree of SRC due to the addition of Ni element should be a reason for the enhancement of dislocation density in the present Cu-Ni alloys, leading to a stronger work-hardening capacity. Figure 2a shows the true stress-strain curves of Cu-Ni alloys with different Ni contents in compression at room temperature. Apparently, with increasing Ni content, the flow stress of Cu-Ni alloys is significantly increased. The yield strength (YS) of the Cu-20at.% Ni alloy is enhanced from 35 to 70 MPa compared with that of the Cu-5at.% Ni alloy, which mainly stems from the solid solution strengthening owing to the increase of Ni content [24] . It is noteworthy that, after yielding, the flow stress of Cu-Ni alloys exhibits a significant elevation with increasing Ni content. For the present Cu-Ni alloy specimens, the total flow stress at a given strain can be considered as the sum of YS (σ0.2) and the stress originating from work-hardening (σ WH ). Therefore, the contributions of workhardening to the flow stress can be roughly estimated by subtracting the YS from the total flow stress as
where σ FS is the flow stress of Cu-Ni alloys at a given strain. According to Equation (1), the distribution of the σ WH of the Cu-Ni alloys at different strains is given in Figure 2b . Interestingly, as the true strain is below ~0.05, the contributions of work-hardening to the flow stress are almost the same in these three Cu-Ni alloys. However, as the true strain increases to as high as 0.05, such contributions are dramatically enhanced with the increase of Ni content, implying that the Ni content plays a crucial role in improving the work-hardening behavior of Cu-Ni alloys. 
Unexpected Multistage Work-Hardening Behavior of Cu-Ni Alloys
The work-hardening rate (dσ true /dε true ) is an important index for the evaluation of the work-hardening capacity of alloys, which reflects the uniform deformation ability during deformation. Therefore, the change of work-hardening rate with true strain for the present Cu-Ni alloys is given in Figure 3 . It is found that the work-hardening rate of Cu-Ni alloys also becomes significantly improved with increasing Ni content. More importantly, a multistage work-hardening process is discovered in the present Cu-Ni alloys. This result is unexpected, since the work-hardening rate of alloys with high SFEs normally decreases monotonically with increasing strain [16, 30] . As is well known, the relation between the σ WH and the total dislocation density (ρ) is given by [25] ρ
where G is the shear modulus, b the Burgers vector, M the Taylor factor, and α is a material constant. Since all specimens experienced a very strong annealing process, it can be assumed that there are nearly no dislocations in the internal microstructure of specimens before compression tests. Therefore, the enhancement of flow stress by work-hardening in Cu-Ni alloys with increasing Ni content should be derived from the higher dislocation density induced during deformation. Similar phenomena have been found in some other Cu alloys, such as Cu-Zn [13] and Cu-Al [4] alloys. In these studies, the increase in dislocation density was related to the reduction in SFE. Specifically, on the one hand, decreasing SFE can enlarge the separation between two partial dislocations, which makes cross slip or climb more difficult, thereby inhibiting potential dynamic recovery. On the other hand, a drop in SFE is also favorable for the formation of DTs, which provide accommodations for dislocation accumulation to increase the dislocation density. However, such explanations are inapplicable to the present Cu-Ni alloys with high SFEs, since cross slip is prevalent, which aggravates dislocation annihilations during deformation [26, 27] . In fact, in addition to altering the SFE, the addition of alloying elements brings about a positive effect on the increase of SRO/SRC in alloys [23, 28, 29] . Considering that the SRC/SRO could suppress the cross slip [21] , it is believed that the increasing degree of SRC due to the addition of Ni element should be a reason for the enhancement of dislocation density in the present Cu-Ni alloys, leading to a stronger workhardening capacity.
The work-hardening rate (dσ true /dε true ) is an important index for the evaluation of the workhardening capacity of alloys, which reflects the uniform deformation ability during deformation. Therefore, the change of work-hardening rate with true strain for the present Cu-Ni alloys is given in Figure 3 . It is found that the work-hardening rate of Cu-Ni alloys also becomes significantly improved with increasing Ni content. More importantly, a multistage work-hardening process is discovered in the present Cu-Ni alloys. This result is unexpected, since the work-hardening rate of alloys with high SFEs normally decreases monotonically with increasing strain [16, 30] . As seen from Figure 3 , in Stage A, the work-hardening rate of three Cu-Ni alloys sharply decreases as a consequence of elastoplastic transition [31, 32] . It should be noted that these curves in Stage A are almost parallel to each other, implying that the evolutional rate of dislocation density is As seen from Figure 3 , in Stage A, the work-hardening rate of three Cu-Ni alloys sharply decreases as a consequence of elastoplastic transition [31, 32] . It should be noted that these curves in Stage A are almost parallel to each other, implying that the evolutional rate of dislocation density is almost the same at the very beginning of plastic deformation. That is to say, the differences in the work-hardening capacity of these three alloys in Stage A are not obvious, coinciding well with the phenomenon that the contributions of work-hardening to the flow stress is almost the same in these three Cu-Ni alloy samples as the true strain is lower than 0.05 (Figure 2b) . Even so, a higher Ni content still exhibits a beneficial effect on suppressing rapid decline of work-hardening rate. A direct evidence is that, with the increase of Ni addition, the work-hardening rate at the Stage A-Stage B transition is enhanced from 1204 to 1440 MPa.
Stage A is followed by Stage B (i.e., at strains roughly in the range of 0.04-0.07), where the Ni content strongly influences the shape of the work-hardening rate curves. For the Cu-5at.% Ni alloy, the work-hardening rate decreases slowly with increasing strain in Stage B, while, for the Cu-10at.% Ni alloy, the work-hardening rate almost stays unchanged at a constant level. In contrast, a phenomenon of work-hardening rate recovery is observed in the Cu-20at.% Ni alloy (i.e., the work-hardening rate increases with the increase of strain). The Stage B formed in the present Cu-Ni alloys is of special attention because this phenomenon had been previously reported as a peculiar trait of FCC metals with low SFE, such as Cu-Al [4, 33] , Cu-Zn [14] , and IN625 [34] alloys; it was attributed to the occurrence of DTs, planar slip, or stacking faults, caused by SFE lowering in these alloys. In view of the fact that SRO structures could also effectively promote the planar slip of dislocations in high-SFE FCC alloys [21] , it is reasonable to infer that the occurrence of the anomalous Stage B in the present Cu-Ni alloys is essentially related to the existence of SRC structures in alloys, which will be further discussed by observing the corresponding deformation microstructures.
Stage C is characterized by a second decreasing of work-hardening rate for all Cu-Ni alloys. Compared to the steep slope of the work-hardening rate curves in Stage A, the work-hardening rates of Cu-Ni alloys in Stage C decrease much more slowly with increasing strain until they approach zero. Besides, the work-hardening rate of the Cu-20at.% Ni alloy exhibits a slower downward trend than those of the Cu-5at.% Ni and Cu-10at.% Ni alloys. Two mechanisms have been proposed in the previous investigations [14, 16, 35] on the work-hardening behavior of FCC metals to uncover the cause of Stage C: a reduction in the rate of producing DTs and an increase in ability of dislocation cross slip. For Cu-Ni alloys, the former mechanism can be ignored because of the high SFEs of alloys themselves, and a second decreasing in Stage C in Cu-Ni alloys might thus be considered as a result of cross-slip activation. It means that the SFE dominates the work-hardening behavior of Stage C, and the influence of SRCs becomes weakened.
In short, the influence of Ni content on the work-hardening behavior of Cu-Ni alloys is complicated. The work-hardening rate of Stages B and C is markedly improved with increasing Ni content, which results in a higher work-hardening capacity. Therefore, to gain insight into the impact of the Ni content on Stages B and C, the corresponding deformation microstructures were investigated by TEM observations, as representatively shown in Figures 4 and 5. Figure 4 shows the TEM images of typical microstructures for the three Cu-Ni alloys compressed up to a true strain of 5%, which corresponds approximately to the middle part of Stage B. No deformation twins and stacking faults are detected for all alloys. For the Cu-5at.% Ni alloy, the dislocation density is low and dislocation lines and loose tangles are distributed in the field randomly, showing an underdeveloped wavy-slip dislocation configuration (Figure 4a ). As the Ni content is raised to 10 at.%, the dislocation density is slightly increased, and some planar-like slip structures tend to form (Figure 4b ). As the Ni content is as high as 20 at.%, distinct planar-slip structures with a relatively high dislocation density dominate the substructural characteristics, accompanied by a few dislocation tangles in local regions (Figure 4c,d) . Meanwhile, the activity of the dislocations in the secondary slip system can be clearly observed (marked by red line in Figure 4c,d) . The results above clearly indicate that, with increasing Ni content, the predominant deformation mechanism of Cu-Ni alloys in Stage B transfers from wavy slip to planar slip. For the present Cu-Ni alloys, their SFEs are very high and the increase of SRC degree should thus be the main reason for the planar slip of dislocations, which was interpreted as "glide plane softening" effect [21] .
Microstructural Evolution
Metals 2019, 9 FOR PEER REVIEW 6 main reason for the planar slip of dislocations, which was interpreted as "glide plane softening" effect [21] . As experimentally revealed and analyzed above, the SRC has a significant effect on the microstructural evolution in Stage B of Cu-Ni alloys, and consequently on the work-hardening behavior in Stage B, as explained in detail below.
For the Cu-5at.% Ni alloy, although the lower SRC cannot overcome the influence of high SFE, the presence of SRC restrains dynamic recovery to some extent. As a result, an ill-developed wavyslip dislocation structure is just observed in Stage B. For this reason, the work-hardening rate of Cu5at.% Ni alloy does not go on falling quickly but exhibits a slow decline in Stage B. For the Cu-10at.% Ni alloy, planar-like slip structures are formed in Stage B due to the increase in SRC content. In contrast to pure wavy-slip dislocation structures, planar-like slip structures reduce the dislocation mean free path (L), and thus the rate of dislocation storage becomes enlarged, which balances the softening effect of dynamic recovery according to the Kocks-Mecking model [16] . Consequently, the Cu-10at.% Ni alloy shows a nearly constant work-hardening rate in Stage B. With further increases of SRC, the deformation microstructures have become dominated by planar slip in the Cu-20at.% Ni alloy. On the one hand, planar-slip dislocation structures notably inhibit dynamic recovery, that is, annihilation of screw dislocations is hindered. On the other hand, the formation of planar-slip dislocation structures can ensure a long-lasting hardening potential. Actually, unlike wavy slip, for planar-slip materials, the primary slips are mainly concentrated on several slip planes in the early stage of deformation and other areas might be totally slip-band-free. Therefore, the dislocations in the secondary slip system could be readily activated at a very low strain or stress owing to the weak latent hardening of planar slip [36, 37] . This can be confirmed by the formation of secondary slips (Figure 4c and d) . Accordingly, the L of mobile dislocations would be sharply shortened due to the interaction between dislocations in the primary and secondary slip systems; in this case, dislocation density must increase suddenly, leading to the occurrence of work-hardening rate recovery in Stage B of the Cu-20at.% Ni alloy. In brief, the increment of the SRC content effectively promotes the occurrence of planar slip in Stage B for the present Cu-Ni alloys, and enhances the work-hardening rate. Figure 5 displays the TEM images of typical microstructures for the three Cu-Ni alloys compressed up to a true strain of 30%, which is roughly located at the end of Stage C. Evidently, with increasing strain, the dislocation density of the present alloy specimens increases remarkably. It is worth paying special attention to the absence of planar-slip dislocation structures in Stage C, where wavy-slip dislocation structures become dominated in all Cu-Ni alloys. However, a significant difference in dislocation configuration among these three Cu-Ni alloys can be observed. For the Cu- As experimentally revealed and analyzed above, the SRC has a significant effect on the microstructural evolution in Stage B of Cu-Ni alloys, and consequently on the work-hardening behavior in Stage B, as explained in detail below.
For the Cu-5at.% Ni alloy, although the lower SRC cannot overcome the influence of high SFE, the presence of SRC restrains dynamic recovery to some extent. As a result, an ill-developed wavy-slip dislocation structure is just observed in Stage B. For this reason, the work-hardening rate of Cu-5at.% Ni alloy does not go on falling quickly but exhibits a slow decline in Stage B. For the Cu-10at.% Ni alloy, planar-like slip structures are formed in Stage B due to the increase in SRC content. In contrast to pure wavy-slip dislocation structures, planar-like slip structures reduce the dislocation mean free path (L), and thus the rate of dislocation storage becomes enlarged, which balances the softening effect of dynamic recovery according to the Kocks-Mecking model [16] . Consequently, the Cu-10at.% Ni alloy shows a nearly constant work-hardening rate in Stage B. With further increases of SRC, the deformation microstructures have become dominated by planar slip in the Cu-20at.% Ni alloy. On the one hand, planar-slip dislocation structures notably inhibit dynamic recovery, that is, annihilation of screw dislocations is hindered. On the other hand, the formation of planar-slip dislocation structures can ensure a long-lasting hardening potential. Actually, unlike wavy slip, for planar-slip materials, the primary slips are mainly concentrated on several slip planes in the early stage of deformation and other areas might be totally slip-band-free. Therefore, the dislocations in the secondary slip system could be readily activated at a very low strain or stress owing to the weak latent hardening of planar slip [36, 37] . This can be confirmed by the formation of secondary slips (Figure 4c,d) . Accordingly, the L of mobile dislocations would be sharply shortened due to the interaction between dislocations in the primary and secondary slip systems; in this case, dislocation density must increase suddenly, leading to the occurrence of work-hardening rate recovery in Stage B of the Cu-20at.% Ni alloy. In brief, the increment of the SRC content effectively promotes the occurrence of planar slip in Stage B for the present Cu-Ni alloys, and enhances the work-hardening rate. Figure 5 displays the TEM images of typical microstructures for the three Cu-Ni alloys compressed up to a true strain of 30%, which is roughly located at the end of Stage C. Evidently, with increasing strain, the dislocation density of the present alloy specimens increases remarkably. It is worth paying special attention to the absence of planar-slip dislocation structures in Stage C, where wavy-slip dislocation structures become dominated in all Cu-Ni alloys. However, a significant difference in dislocation configuration among these three Cu-Ni alloys can be observed. For the Cu-5at.% Ni alloy, the dislocation cells are the most common microstructures (Figure 5a ), which are almost analogous to those in pure Cu [38] . As the Ni content is increased to 10 at.%, extended dislocation cells can be frequently observed (Figure 5b) . Moreover, the width of extended cells is much smaller than the size of cells in the Cu-5at.% Ni alloy. As the Ni content is as high as 20 at.%, the dislocation structures have been featured by highly ordered cell walls with an increased dislocation density, as seen in Figure 5c . The orientation of these walls with high-density dislocations is parallel to each other and ordinary dislocation cells are densely distributed between these walls. Based on the observations above, it can be recognized that the suppressive effect of SRC on cross slip is negligible in Stage C and wavy-slip dislocation structures are consequently formed. A similar result was also found in the Cu-10at.% Mn alloy with high SFE reported by Ma et al. [39] . In reality, this phenomenon can be well understood in the following way: with increasing strain, the SRC in Cu-Ni alloys will be gradually destroyed by moving dislocations, since it is only of a short range. As a result, cross slip becomes prevalent due to the high SFE of Cu-Ni alloys, resulting in the formation of wavy-slip dislocation structures. However, it should be noted that the diversity in wavy-slip dislocation configurations in Stage C among three Cu-Ni alloys is intrinsically related to the difference in dislocation structures already formed in Stage B. Recently, a detailed study by Gutierrez-Urrutia and Raabe [40] on the dislocation and twin substructure evolution in Fe-22wt.% Mn-0.6wt.% C TWIP steel supports this argument to a certain extent. In their work, the formation mechanism of dislocation cell wall structures was revealed clearly using an electron channeling contrast imaging technique, and they reported that the formation of dislocation walls was attributed to high development of planar slip at the preliminary stage of deformation, while the activation of wavy slip with increasing strain leads to the formation of dislocation cells [40] .
Metals 2019, 9 FOR PEER REVIEW 7 almost analogous to those in pure Cu [38] . As the Ni content is increased to 10 at.%, extended dislocation cells can be frequently observed (Figure 5b) . Moreover, the width of extended cells is much smaller than the size of cells in the Cu-5at.% Ni alloy. As the Ni content is as high as 20 at.%, the dislocation structures have been featured by highly ordered cell walls with an increased dislocation density, as seen in Figure 5c . The orientation of these walls with high-density dislocations is parallel to each other and ordinary dislocation cells are densely distributed between these walls. Based on the observations above, it can be recognized that the suppressive effect of SRC on cross slip is negligible in Stage C and wavy-slip dislocation structures are consequently formed. A similar result was also found in the Cu-10at.% Mn alloy with high SFE reported by Ma et al. [39] . In reality, this phenomenon can be well understood in the following way: with increasing strain, the SRC in Cu-Ni alloys will be gradually destroyed by moving dislocations, since it is only of a short range. As a result, cross slip becomes prevalent due to the high SFE of Cu-Ni alloys, resulting in the formation of wavyslip dislocation structures. However, it should be noted that the diversity in wavy-slip dislocation configurations in Stage C among three Cu-Ni alloys is intrinsically related to the difference in dislocation structures already formed in Stage B. Recently, a detailed study by Gutierrez-Urrutia and Raabe [40] on the dislocation and twin substructure evolution in Fe-22wt.% Mn-0.6wt.% C TWIP steel supports this argument to a certain extent. In their work, the formation mechanism of dislocation cell wall structures was revealed clearly using an electron channeling contrast imaging technique, and they reported that the formation of dislocation walls was attributed to high development of planar slip at the preliminary stage of deformation, while the activation of wavy slip with increasing strain leads to the formation of dislocation cells [40] . Based on the observation and analysis of deformation microstructures, the decrease of workhardening rate in Stage C for three Cu-Ni alloys can be put down to the prevalence of dislocation cross slip due to the consumption of SRC by moving dislocations. As a result, dynamic recovery mechanism dominates the work-hardening process of Stage C. Nevertheless, the important influence of dislocation substructures on dynamic recovery should not be ignored. Comparing with the dislocation cells formed in the Cu-5at.% Ni and Cu-10at.% Ni alloys, the dislocation walls in the Cu20at.% Ni alloy could not only act as valid barriers to dislocation motion, but also trap some dislocations by boundaries and thereby reduce the rate of dynamic recovery [40] . Consequently, the Cu-20at.% Ni alloy still exhibits a higher work-hardening rate in Stage C. Figure 6 displays the impact of SRC on the work-hardening behavior of Cu-Ni alloys in a schematic way, and the corresponding microstructural evolution is also clearly shown. At the beginning of deformation, the existence of SRC interrupts the rapid drop of work-hardening rate in Stage A for Cu-Ni alloys. With increasing strain to Stage B, the interaction between glissile dislocations and SRC structures in alloys becomes significant, leading to a gradual change of slip mode from wavy slip to planar slip with increasing SRC. The occurrence of these planar slips makes for dislocation storage and inhibits dynamic recovery, thus enhancing the work-hardening rate. Based on the observation and analysis of deformation microstructures, the decrease of work-hardening rate in Stage C for three Cu-Ni alloys can be put down to the prevalence of dislocation cross slip due to the consumption of SRC by moving dislocations. As a result, dynamic recovery mechanism dominates the work-hardening process of Stage C. Nevertheless, the important influence of dislocation substructures on dynamic recovery should not be ignored. Comparing with the dislocation cells formed in the Cu-5at.% Ni and Cu-10at.% Ni alloys, the dislocation walls in the Cu-20at.% Ni alloy could not only act as valid barriers to dislocation motion, but also trap some dislocations by boundaries and thereby reduce the rate of dynamic recovery [40] . Consequently, the Cu-20at.% Ni alloy still exhibits a higher work-hardening rate in Stage C. Figure 6 displays the impact of SRC on the work-hardening behavior of Cu-Ni alloys in a schematic way, and the corresponding microstructural evolution is also clearly shown. At the beginning of deformation, the existence of SRC interrupts the rapid drop of work-hardening rate in Stage A for Cu-Ni alloys. With increasing strain to Stage B, the interaction between glissile dislocations and SRC structures in alloys becomes significant, leading to a gradual change of slip mode from wavy slip to planar slip with increasing SRC. The occurrence of these planar slips makes for dislocation storage and inhibits dynamic recovery, thus enhancing the work-hardening rate. However, with further increasing strain to Stage C, SRC is gradually consumed by moving dislocations, and activation of cross slip becomes easier, so that wavy-slip dislocation structures tend to form. In this case, dynamic recovery is enhanced, causing a second decrease in the work-hardening rate. In short, increasing SRC triggers an unexpected multistage work-hardening process, which improves the work-hardening capacity of Cu-Ni alloys with high SFE.
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Conclusions
The influence of SRC on the work-hardening behavior of Cu-Ni alloys with high SFE was investigated under uniaxial compression. The following conclusions can be drawn.
(1) An unexpected multistage (including Stages A, B, and C) work-hardening process was found in high-SFE Cu-Ni alloys. With the increase of Ni content (or SRC content), the flow stress of Cu-Ni alloys is significantly increased, which is mainly attributed to the improvement of workhardening capacity. (2) The work-hardening behavior of Stage B strongly depends on the SRC content in Cu-Ni alloys.
With increasing SRC content, a gradual transition of dislocation structures occurs from loose tangles to planar-slip structures, which effectively suppress dislocation cross slip and increase the density of movable dislocations during deformation. Consequently, a noticeable recovery of work-hardening rate was found in Stage B in the Cu-20at.% Ni alloy. (3) With increase of strain to Stage C, a second decrease of work-hardening rate was observed for all Cu-Ni alloys, ascribing to the prevalence of dislocation cross slip due to the overall destruction of SRC by moving dislocations. The oriented cell walls structures formed in the Cu-20at.% Ni alloy can, more or less, relieve the rate of dynamic recovery of dislocations, so that it still exhibits a higher work-hardening rate in this stage. 
(1) An unexpected multistage (including Stages A, B, and C) work-hardening process was found in high-SFE Cu-Ni alloys. With the increase of Ni content (or SRC content), the flow stress of Cu-Ni alloys is significantly increased, which is mainly attributed to the improvement of work-hardening capacity. (2) The work-hardening behavior of Stage B strongly depends on the SRC content in Cu-Ni alloys.
With increasing SRC content, a gradual transition of dislocation structures occurs from loose tangles to planar-slip structures, which effectively suppress dislocation cross slip and increase the density of movable dislocations during deformation. Consequently, a noticeable recovery of work-hardening rate was found in Stage B in the Cu-20at.% Ni alloy. (3) With increase of strain to Stage C, a second decrease of work-hardening rate was observed for all Cu-Ni alloys, ascribing to the prevalence of dislocation cross slip due to the overall destruction of SRC by moving dislocations. The oriented cell walls structures formed in the Cu-20at.% Ni alloy can, more or less, relieve the rate of dynamic recovery of dislocations, so that it still exhibits a higher work-hardening rate in this stage. Funding: This work was financially supported by the National Natural Science Foundation of China (NSFC) under Grant nos. 51571058 and 51871048.
